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ABSTRACT: The fracture toughness (characterized by the critical energy release rate G.) of interfaces
between polystyrene (PS) and poly(2-vinylpyridine) (PVP) reinforced with poly(styrene-b-2-vinylpyridine)
was measured with a double cantilever beam test geometry. The effect of the PVP block degree of polym-
erization (Npyp) and the areal density of block copolymer chains at the interface (£) on the measured G. and
on the fracture mechanisms was investigated quantitatively. The PS degree of polymerization (Npg) was kept
>280, while Npyp was varied between 45 and 870. For Npyp below 200 the interfaces showed only a small
increase in G, with increasing Z and failed by pull-out of the short PVP chain. In this regime G, increases
linearly with Z and scales roughly with Npyp?, in reasonable agreement with a recently proposed model of
failure by chain pull-out.! If Npyp was increased well above 200, corresponding roughly to the average mo-
lecular weight between entanglements for the PVP, two separate fracture mechanisms could be distinguished.
At low values of Z, G. increased only slowly with Z and the interfaces failed by scission of the copolymer chains
near the joint between the two blocks. At higher values of Z, the interfaces fractured by first forming a stable
craze ahead of the propagating crack tip, giving rise to much higher values of the measured fracture toughness.
In this regime, G, scaled with Z.?, an areal density of chains with at least one “effective” entanglement, in
very good agreement with a model recently proposed by Brown? for failure by craze fibril breakdown.

1. Introduction

Binary blends of polymers are generally immiscible and
form a phase-separated mixture. The necessary conditions
to obtain good mechanical properties from the blend are
a fine dispersion of the second-phase particles and a good
adhesion between the matrix and the particle to avoid
debonding at low levels of stress. These conditions are
not met for most polymer systems, and one of the
approaches to improve the mechanical properties of the
blend is to add a properly chosen block copolymer.

Experimentally, it has been known for some time that
A-B diblock copolymers added to an immiscible blend of
A and B polymers decrease the phase size of the second-
phase particles and generally improve the overall mechan-
ical properties.®® This effect has been attributed to the
tendency of the block copolymer to segregate at the
interface between the two phases for thermodynamic
reasons, causing a decrease of the interfacial tension as
well as an improvement of the adhesion between the
particle and the matrix. The block copolymer acts
mechanically by entangling on both sides of the interface
with the respective homopolymers as shown schematically
in Figure 1, forming effective “stitches” between the two
phases. Although this basic principle by which the block
copolymer acts at the interface is known, the detailed mi-
cromechanical processes by which the presence of the block
copolymer leads to a reinforcement and the influence of
such basic parameters as the amount of block copolymer
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segregated at the interface between A and B homopolymers.

present at the interface or the molecular weight of its
respective blocks are still far from being thoroughly
understood. In a previous study’ we investigated qual-
itatively the effect of the block copolymer addition on the
strength of the interface. Although an addition of block
copolymer decreased the interfacial tension in every case,
only those block copolymers with a block molecular weight
greater than the average molecular weight between en-
tanglements M, had an appreciable mechanical reinforce-
ment effect. The TEM technique employed in that study
allowed us to investigate the deformation behavior of a
realistic blend through the statistical observation of failed
particle-matrix interfaces; however, no information was
available on the amount of block copolymer actually
present at the interface or on the maximum stress that
could be sustained by the interface before failure.

To obtainsuch information, a test must be devised where
asingle interface is tested and a detailed knowledge of the
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Table I
Degrees of Polymerization and Polydispersity of the Block
Copolymers
N
dPS block PVP block My /M,

625 49 1.02
280 52 1.08
680 100 1.04

1300 173 1.07
420 270 1.04
510 540 1.07
800 870 1.1

amount of block copolymer present is available. Brown
and co-workers have adapted a double cantilever beam
(DCB) test geometry to the case of polymer interfaces
reinforced by block copolymers. They investigated in-
terfaces between PS and PMMA and between PMMA
and PPO which were reinforced by an addition of PS-
PMMA block copolymers,® and their study focused on a
regime where the toughness of the interface is molecular
weight independent, i.e., in the case where the block mo-
lecular weights are far above the entanglement molecular
weight of the respective homopolymers and where one
expects failure by chain scission at the interface.

Very little has been done in the molecular weight de-
pendent regime of the fracture toughness, i.e., where
significant pull-out or disentanglement of the chains occurs
during the interfacial failure. The purpose of this study
is to investigate quantitatively the dependence of the
fracture toughness of the interface on the areal density
and molecular weight of the added block copolymer,
thereby gaining a molecular understanding of the different
failure mechanisms.

The experimental system we have chosen for this
investigation is the immiscible pair of homopolymers
polystyrene (PS) and poly(2-vinylpyridine) (PVP). Both
polymers have approximately the same glass transition
temperature and, because of their similar molecular
structure, have a similar average molecular weight between
entanglements, as determined by measurements of the
shear modulus in the rubbery plateau regime. Both
polymers deform plastically by crazing in preference to
shear deformation. It should be noted however that the
elastic modulus and the crazing stress of the two materials
are somewhat different, and these differences will have
important implications in the interpretation of our ex-
perimental results of the fracture toughness of interfaces
between the two polymers. The very strong immiscibility
of PS and PVP is responsible for very sharp interfaces
with very little chain interpenetration in the absence of
block copolymer. Such “bare” interfaces are very weak
and justify our implicit assumption that the block copol-
ymer chains at the interface are the sole cause of the
measured mechanical strength.

2. Experimental Methods

2.1. Materials. Diblock copolymers of PS and PVP with
nearly monodisperse block lengths were prepared by anionic po-
lymerization using a cumylpotassium initiator. The polymeri-
zation was carried out at —55 °C in tetrahydrofuran, and the
characteristics of the resulting diblock copolymers are shown in
Table I. All block copolymers were prepared with a deuterated
polystyrene block (dPS) in order to be used as markers in a
forward recoil spectrometry (FRES) experiment. The diblock
copolymers will be designated by the polymerization indices of
their two blocks so that, for example, the block copolymer
consisting of a dPS block with a degree of polymerization 390
and a PVP block with degree of polymerization 150 will be
designated as 390-150. The homopolymer PS (commercial grade,
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Figure 2. Experimental setup for the fracture toughness test.
Note that the crack tip is clearly visible through the transparent
polystyrene top layer.

e gj/ hy PVP
a
crack
a
velocity crack length

Figure 3. Geometrical parameters of the asymmetric double
cantilever beam test sample used for the fracture toughness test.

M, = 250 000) was purchased from Aldrich Chemical Co., and
the homopolymer PVP (commercial grade, M, = 200 000) was
purchased from Polysciences.

2.2. Fracture Toughness Test. The PS and the PVP were
compression molded into sheets 7.5 cm X 5 cm with respective
thicknesses of 2.3 and 1.7 mm. A thin (10-600 A) film of dPS-
PVP block copolymer was then spun cast on the PVP sheet from
a toluene solution. After a drying step of 1 h at 80 °C under
vacuum, the PS sheet was placed on top of the PVP sheet and
the sample was annealed for 2 h at 160 °C in air under slight
pressure to ensure contact between the twosides. Eachsandwich
was then cut into strips 8.5 mm X 50 mm which were dried at
80 °C under vacuum for 8 h prior to mechanical testing. The
mechanical test was performed by inserting a wedge, namely, a
single-edged razor blade, at the interface as shown in Figure 2
and pushing it in at a constant velocity of 3 X 10 m/s using a
servomotor. The length of the crack ahead of the blade was
measured by taking photographs of the advancing crack at regular
intervals with a camera connected with an intervalometer. In
this way at least 20 values of the fracture toughness could be
obtained for each specimen and a mean and a variance could be
computed. The validity of such a test has been demonstrated
by Brown?in the case of interfaces between PS and PMMA where
the results of the DCB test at constant opening displacement
were compared with results obtained at constant load where the
load on the two faces of the sandwich sample was applied by an
Instron tensile testing machine.

The chosen test geometry was an asymmetric double cantilever
beam as shown in Figure 3. The reason for using this asymmetric
test geometry lies in the different elastic moduli of the two
materials as well as their different crazing stresses. Inasymmetric
configuration, the double cantilever beam loading geometry would
create a Kjj component in the stress intensity factor at the crack
tip causing the crack to swerve toward the more compliant
material. If the more compliant material also has alower crazing
stress, small crazes will grow at an angle from the plane of the
main crack. These small crazes can contribute significantly to
the measured fracture toughness.? To avoid such an effect it is
desirable to make the sample configuration asymmetric; i.e., the
plate made of the stiffer material is made thinner to keep the
crack at the interface. A more detailed discussion on crack
propagation at bimaterial interfaces can be found in ref 10. A
plot of the measured fracture toughness G, in the case of PS-
PVP interfaces without any block copolymer is shown as a
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Figure 4. Fracture toughness of the interface, G. as a function

of the degree of asymmetry. The full line is drawn to guide the
eye.

function of the degree of asymmetry in Figure 4, where the degree
of asymmetry is characterized by the ratio of the opening
displacement of the PVP half-sample relative to the total opening
displacement (Apvp/Asar). The partial opening displacement
Apvp is given by

_ AvotaiBrshps Cove’
Epyphpvp’Cs’ + Epghpg’Coyp’

with Cps = 1 + 0.64h;/a and Cpvp = 1 + 0.64hpve/a. hps and hpvp
are the respective thicknesses of the beams, A,a is the thickness
of the wedge, a is the crack length, and Eps and Epvp are the
elastic moduli. This expression is obtained from a model of a
cantilever beam on an elastic foundation explained in more detail
in section 3.

It is clear from the data that significant differences in the
measured G, can occur if the crack is allowed to deviate toward
the PS. When the difference in the crazing stresses of the two
materials is relatively small, one might expect a deviation of the
crackinto the other material if the sample is made too asymmetric.
For all our experiments we chose the geometry corresponding to
the lowest measured value of G. (Apvp/Awta = 0.65) assuming
that such a configuration would minimize the mode II component
of the stress intensity factor and prevent therefore the formation
of crazes in the more compliant bulk material. However, because,
strictly speaking, a pure mode I crack propagation at an interface
between dissimilar materials can never be achieved, we chose, in
this paper, to label the measured fracture toughness G rather
than Gi..

A very important experimental asset of this study is our
capability to measure the areal density of block copolymer at the
interface by using three surface analysis techniques, namely,
forward recoil spectrometry (FRES), Rutherford backscattering
spectrometry (RBS), and X-ray photoelectron spectroscopy
(XPS). The areal density of deuterium atoms Np present on
each of the two fracture surfaces can be obtained by FRES.

The areal density of chains Z is then calculated by dividing
Np by the number of deuterium atoms per chain. This method
however does not give any indication about the location of the
PVP block after fracture. Although it is impossible to detect
any PVP block on the PVP side because the PVP block and the
PVP homopolymer are chemically identical, several methods can
be used to detect PVP on the PS side. In one method the PS
side of the sample is exposed to methyl iodide vapor which reacts
selectively with PVP, quaternizing it. The sample is then
analyzed with RBS and the amount of iodine detected is directly
proportional to the amount of PVP present on the fracture
surface. A second method which can be used is the direct analysis
of the PS fracture surface with XPS. The ratio of nitrogen to
carbon near the surface (within 50 A) can be measured, and an
estimate of the amount of PVP at the surface can be obtained
from it.

Apyp 1)
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2.3. Optical Interference Microscopy. Due to the trans-
parent nature of the polystyrene and our specific testing geometry,
it was possible to observe interference fringes from light reflected
on both sides of the crack or the craze. This experiment was
performed with a reflected light Olympus microscope using a
monochromatic beam with a 550-nm wavelength. The wedge
was inserted at the interface and the sample was then observed
under the microscope until no further advance of the crack was
vigible, at which point a photograph was taken effectively
simulating a fracture test at a very slow crack velocity. Such an
experimental technique, pioneered by the work of Bessonov and
Kuvshinskii!! and by Kambour,!2 provides a very elegant way to
confirm the presence or the absence of a wide craze ahead of the
crack tip as the pattern of the interference fringes is markedly
different for the two cases.

3. Data Analysis

The critical crack extension force G, can be obtained by
assuming that all the elastic energy released upon fracture
is dissipated in a region relatively small compared with
the specimen dimensions. Most of this energy is absorbed
by the plastic deformation taking place at the crack tip.
The most simple approximation for the released elastic
energy is to consider that the only contribution comes
from the bending of the two beams and no energy is stored
ahead of the crack tip. Inthis case G, is given from simple
beam theory by!3

_ 3NEhEh,
¢ 8a‘[E;h + E;hy’)

where hi, hs, A, E1, Es, and a are as defined for eq 1 and
where the subscripts 1 and 2 stand for PS and PVP. This
relation is a good approximation as long as the crack is
long relative to the thickness of the beams but overesti-
mates G, for the shorter crack lengths typical of stronger
interfaces. A better description of the experimental data
is given by a model of a cantilever beam on an elastic
foundation derived by Kanninen.!* Inthismodel the beam
is free in the fractured part of the sample and supported
by an elastic foundation ahead of the crack tip. Admit-
tedly, the foundation modulus is chosen rather arbitrarily;
however, such a model seems to fit our experimental data
better and the extracted values of fracture toughness are
independent of the opening displacement as required.
Although still an approximation, this method is the best
available at this point and will be used in the following
sections to extract G.. A complete finite element analysis
of the stress field in the double cantilever beam geometry
is being presently developed and will be used in the future.

With the beam on an elastic foundation approximation,
G. is given by

~ 3A2E1h13E2h23[ E.h.’Ct + E,h5CE ] ®
Y [EhC,® + Eh,°C 12
with C; = 1 + 0.64hy/a and C; = 1 + 0.64hy/a.

4. Results

4.1. Bulk Material Properties. To carry out the
analysis of our results on interfaces, a certain number of
material properties of the two bulk materials, PSand PVP,
need to be known. The average molecular weight between
entanglements was determined by the measurement of
the elastic modulus in the rubbery plateau regime,!5 while
the Poisson’s modulus » was determined by a measurement
of the velocity of a transverse and longitudinal elastic wave
at high frequency (1 MHz). The crazing stress and the
elastic constants were also measured for PMMA to
compare our results with the results obtained by Brown®

2

4
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Figure 5. Experimental geometry for the three-point bending
test used to determine the crazing stress and the elastic modulus
of the bulk materials.

on interfaces between PMMA and PPO reinforced with
PS-PMMA block copolymers.

Because both the crazing stress and the elastic modulus
arestrain rate dependent, oneshould be careful to measure
these properties at a strain rate closely matching the strain
rate in the double cantilever beam experiment. Our first
step is to measure the crazing stress at a rate that is typical
of our cantilever beam test. As crazes grow in width by
pulling fresh material in the crazed zone, the best way to
characterize the strain rate of a single craze is the widening
velocity, generally called the drawing rate (8). Using a
crack velocity of 0.003 mm/s typical of our cantilever beam
experiments on interfaces and the shape of the craze
obtained from the analysis of Figure 14, § is estimated at
60 nm/s, where the relation

has been used. The selected experimental technique to
measure the crazing stress at a comparable widening

velocity was a three-point bending test as shown in Figure
5

6

In such a geometry the tensile stress in the bottom half
of the sample is given by

o, = RHEESD ®)

where x and y are coordinates relative to the center of the
sample as defined in Figure 5a, F is the applied force, I
is the moment of inertia of the beam, and L is the distance
between the two supports. From the observation of the
fracture surfaces as shown schematically in Figure 5b, it
is possible to determine how far from the point of maximum
tensile stress (defined as x = 0 and y = h/2 with our
coordinate system) the crazes have extended and obtain
avalue of the crazing stress. A measurement of the number
of crazes per unit length in the x direction allows us to
estimate the widening velocity of a craze o for a specific
macroscopic loading rate. Typically, a crosshead speed of
20 um/s gives a strain rate of ~1.5 X 1073571 at the bottom
of the beam, and with a craze density of ~25 crazes/mm,
we obtain é ~50 nm/s, which is reasonably close to the
value estimated for the double cantilever beam test.

Macromolecules, Vol. 25, No. 12, 1992

Table II
Mechanical Properties of the Bulk Polymers
Ee Py
(MPa) vt N, (MPa)
PS 3000 0.341 1734 55+5
PVP 3500 0.325 255¢ 75+5
PMMA 3300 0.325 90/ 100010

¢ E is measured at a strain rate of ¢ = 1 X 106 571,  » is measured
with an ultrasonic technique. ¢ o4 is measured at a craze widening
velocity of ~60 nm/s. ¢ Onogi, S.; Masuda, T.; Kitagawa, K.
Macromolecules 1970, 2, 109. € Jerry Seitz, Dow Chemical Co.; from
a measurement of the shear modulus in the rubbery plateau regime.
fMasuda, T.; Kitagawa, K.; Onogi, S. Polym. J. 1970, 1, 418.

For the tensile modulus, the strain rate at the bottom
of the PS beam in our double cantilever beam experiment
can be calculated from simple beam theory:

. Aha
€= 0.75—- (6)
a

where A is the opening displacement imposed by the razor
blade, h is the beam thickness, a is the crack length, and
a is the crack velocity. To estimate ¢ we considered the
strain distribution in the direction of crack propagation
(on the side of the sample experiencing the maximum
tensile stress) and used the relation

= (32 @

where x is the distance along the beam in the direction of
crack propagation. With values typical of our experiment
we find ¢ ~ 107-10-% 71, and, consequently, the moduli
have been measured with the three-point bending geometry
with a deformation rate of ¢ = 1075 71,

Asevidenced by TableIT, the values of the crazing stress
measured by our technique appear to be higher than those
usually found in the literature. In particular, Berger,!6
using a tensile test of a thin film, found ¢4 = 35 MPa for
PS. His experiment however was performed at a rate of
4 = 1 nm/s, which is much lower than the drawing rate
used in our test. This discrepancy, due to the different
drawing rates, emphasizes the necessity to use appropriate
values of o4 and E to obtain results that are quantitatively
correct.

It is important to note that PVP has a higher modulus
and a higher crazing stress than PS. This asymmetry,
although not very large, will significantly alter the fracture
micromechanisms at the interface.

4.2. Fracture Toughness of the Interface. The
measured values of G as well as the fracture mechanisms
at the interface are dependent on both the areal density
Z of block copolymer chains at the interface and the
respective degrees of polymerization of the blocks, Npg
and Npyp. In our previous study,’ it was found that the
load-bearing capacity of the interface underwent a tran-
sition when Npyp went from below to above the average
degree of polymerization between entanglements of PVP
(Ncpvp), and it is therefore interesting to examine the two
cases separately.

To illustrate the sub-N, case, plots of G vs = are shown
in Figure 6 for several block copolymers. It should be
pointed out at this stage that each data point is the average
of roughly 20 measurements and the error bars represent
one standard deviation to give an idea of the scattering in
the data. This type of mechanical experiment typically
results in a large scattering of the data points because of
the difficulty to obtain exactly reproducible samples. In
particular, small local departures from planarity of the
interface can result in large changesin G.. Itisparticularly
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Figure 6. Fracture toughness G. of interfaces reinforced with
copolymers with a short PVP block: (a) 1300-173; (b) 280-52;
(c) 680-100 and 625-49. The full lines are the best linear fit to
the data in the regime below saturation. The slope of this fit
gives a value of G./Z.

important therefore to have a statistically significant
number of measurements.

Figures 6a and 6b show the case of the 1300-173 and
280-52 block copolymers, respectively, while two copol-
ymers having nearly the same Npg but a different Npvp
are directly compared in Figure 6¢.

In all cases, the measured fracture toughness increases
linearly with T and then levels off at a constant value. For
the 1300-173 copolymer, the areal density at which this
leveling off occurs corresponds fairly well to the equilib-
rium areal density of block copolymer present at the
interface which was obtained from a separate thermody-
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namic study on the same system.!?

As the degree of polymerization of the PVP block is
below N.pvp, no effective entanglement should be formed
between the PVP homopolymer and the PVP block of the
copolymer, so that weak interfaces and low values of G,
are expected. For all block copolymers with Npvp below
Nepvp, the maximum measured G was of the order of
5-10 J/m2, which, although representing up to a sixfold
increase relative to the toughness of a bare PS-PVP
interface (~1.5 J/m?), is still very low if it is compared
with a value of ~500 J/m? characteristic of pure PS.

These results for copolymers with short PVP blocks are
to be contrasted with those for copolymers with longer
PVP blocks. When Npvpis increased to Npyvp and above,
there should be effective entanglements between the block
copolymer and the homopolymer chains so that a signif-
icantincrease in G.is expected. This expectationis borne
out by our results. Three plots of G, vs T for the “long
PVP block” case are shown in Figure 7 for the 420270,
the 510-540, and the 800-870 copolymers where data from
the 1300-173 copolymer are plotted in the same figure to
allow an easy comparison. As for the “short PVP block”
case, (. increases monotonically with £ and then levels
off. The absolute values of the measured fracture tough-
ness are now much higher however, upward to 100 J/m?
for the 800-870 copolymer. As a first approximation, the
best parameter to characterize the effectiveness of the
reinforcement is the slope of the curve of G vs Z measured
in the regime below where the leveling off of G, occurs.
This parameter G/ 2 effectively represents the energy per
chain necessary to fracture the interface and is plotted in
Figure 8 vs Npyp for all the block copolymers investigated
in this study. It is apparent from the data that G./=
increases dramatically when Npyp > N pyp, consistent with
the results presented in ref 7 indicating that the necessary
condition for an appreciable reinforcement was to have at
least one entanglement on each side of the interface.

Although the main measurement characterizing the
reinforcement effect of the block copolymer is the mag-
nitude of G, the analysis and the observation of the
fracture surfaces as well as the observation of the crack
tip by optical interference microscopy provide further
insight into the fracture mechanisms. Theresults of these
experiments are best presented separately for the two cases
of Npyp < Nepyp and Npyp > Nepvp.

4.3. Short PVP Block (Npyp below Nepvp). As no
effective entanglements are formed between the PVP block
and the PVP homopolymer, it is reasonable to assume
that the shorter PVP chains are being pulled out during
the fracture process. A confirmation of this pull-out failure
mechanism can be obtained from the surface analysis
techniques.

All fracture surfaces of the samples tested mechanically
were analyzed with FRES as described in section 2.2 and
deuterium was found almost exclusively on the PS side
(more than 95 % in all cases), indicating that the dPS block
stays anchored tothe PSside during fracture. Toillustrate
this result, plots of the FRES spectrum of both fracture
surfaces of asample reinforced with a 1300-173 copolymer
are shown in Figure 9. The plots show clearly that nearly
all the dPS block remains on the PS side of the interface
after fracture. The background away from the interface
inthe spectrum of the PS side is due to the block copolymer
chains diffusing away from the interface. When the critical
micelle concentration is of the order of a few percent, a
nonnegligible amount of block copolymer will diffuse in
the bulk polymer (in this case the PS) during the annealing
phase so that the actual amount of block copolymer present
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Figure 7. Fracture toughness G, of interfaces reinforced with
block copolymers with a long PVP block: (a) 420-270; (b) 510—
540; (c) 800-870. The full line is the best linear fit used to extract
a value of G./Z.

at the interface at the moment of fracture will be lower
than the nominal amount. This fact stresses the need for
a technique such as FRES which allows the detection of
the block copolymer after fracture.

It should also be pointed out that, as opposed to
experiments on interfacial segregation where the block
copolymer interfacial excess is the relevant quantity, the
total amount of chains at the interface, as shown in the
shaded area in Figure 9, is the quantity used here to obtain
the areal density of chains 2.

The location of the PVP block has been investigated
with RBS and XPS. An RBS spectrum of the surface of
the PS side previously stained with methyl iodide is shown

Macromolecules, Vol. 25, No. 12, 1992

1200 T T T T l
/
1000 + 4
__ 800} 4
3
@
-'O
= 800 - | entanglements 4
N |
~ |
< I
400 - | § 1
|
|
200 - | 4
; o)
0 Le—O"Ql i ) ] t
0 200 400 600 800 1000

Npve

Figure 8. Fracture toughness per chain as a function of the
degree of polymerization of the PVP block. The full line is to
guide the eye.

S T T

Normaiized yield

I 1.2 13 1.4 15
Energy (MeV)

Figure 9. FRES spectra of the fracture surfaces of a sample
reinforced with 0.058 chains/nm?2 of 1300-173 block copolymer:
(0) deuterium on the PS side corresponding to 0.055 chains/
nm? (@) deuterium on the PVP side corresponding to 0.003
chains/nm?. The shaded areas are the amounts of deuterium
used to determine Z.

in Figure 10a, where the amount of iodine detected cor-
responds to about two-thirds of the PVP blocks of the
copolymer chains being pulled out from the PVP side.

For the same 1300~173 copolymer, the surface compo-
sition obtained from XPS was found to correspond exactly
to the amount of PVP which would be expected from a
randomly organized layer of pure block copolymer at the
surface. For the 280-52 and the 680100 copolymers, the
measurement of the surface composition indicated 4%
and 4.5% of nitrogen on the surface, respectively. Such
an amount is more than that which would be detected for
a randomly organized layer of pure block copolymer,
indicating an excess of PVP in the near-surface region (50
A). This result is illustrated in Figure 10b with a plot
showing the C 1s peak and the N 1s peak for the 680~100
polymer. The integrated area under the peaks, after
normalization by the respective photoelectric cross-
sections, is directly representative of the relative amounts
of the elements present at the surface. The chemical shift
in the peaks is due to the charging of the nonconductive
sample. Although, strictly speaking, an accurate quan-
titative analysis cannot be done from the XPS results
without a knowledge of the nitrogen concentration profile
in the first 50 A, these results combined with the RBS and
the FRES results provide very strong evidence that the
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Figure 10. (a) RBS spectrum of the PS side of a sample with
0.058 chains/nm? of 1300173 stained with methyl iodide. (b)
XPS spectrum of the PS side of a sample with 0.02 chains/nm?
of 680-100. The relative areas of the carbon and nitrogen peaks
shown in the plot are indicative of the surface composition of the
sample.

block copolymer chains do indeed pull out from the PVP
side when Npyp < Nepvp.

4.4. Long PVP Block (Npyp above N.pyp). In this
case, the results of the surface analysis are dependent not
only on Npyp but also on Z, the areal density of block
copolymers at the interface. For the 800-870 block
copolymer almost all the deuterium is found on the PS
side up to a total areal density of chains of 0.03 chains/
nm? at which point a transition occurs and nearly all the
deuterium is found on the PVP side as summarized in
Figure 11. A similar transition, although shifted toward
lower values of Z, is observed for the 510-540 copolymer
as well. This observed transition suggests that the locus
of fracture changes from the area of the interface to the
area of the brush between the dPS block and the PS ho-
mopolymer when Z is increased above a certain critical
value. A confirmation of this transition is given by the
XPS data on the fracture surfaces. For the interface with
0.02 chains/nm? of 800-870 (below the transition) the
surface composition shows that a small amount of nitrogen
is present on the PS surface (about half the amount
expected from a randomly organized layer of pure 800-
870 block copolymer at the surface). On the other hand,
for the interface with 0.05 chains/nm? of 510-540 copol-
ymer (above the transition) there was no trace of nitrogen
on the surface, confirming our hypothesis of breakdown
in the brush between the PS and the dPS block.

This change in the locus of fracture as well as a large
increase in the measured G. above the transition suggests
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Figure11. Percentage of dPS found on the PS side after fracture
as a function of the areal density of chains at the interface: (0)
800-870 copolymer; (A) 510-540 copolymer.

Figure 12. Scanning electron micrographs of the PVP surfaces
after fracture of a sample reinforced with (a) 0.07 chains/nm? of
800-870 copolymer and (b) 0.015 chains/nm? of 800-870 copol-
ymer.

a change in fracture mechanism with increasing . More
evidence supporting this assumption is given by the
observation of the fracture surfaces by scanning electron
microscopy. The difference in the appearance of the PVP
fracture surfaces (above and below the transition) is very
striking. While the fracture surface of a sample with 0.07
chains/nm? shown in Figure 12a shows clearly that gross
plastic deformation must have taken place during the
fracture process, the fracture surface of a sample with
0.015 chains/nm? in Figure 12b shows very little evidence
of any plastic deformation occurring before fracture.
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Figure 13. Schematics of the interference fringes obtained by
reflected light microscopy off the crack faces and off the craze—
bulk interfaces of a sample.

As both PS and PVP deform by crazing, it is reasonable
to assume that crazing is the deformation mechanism
responsible for the observed plastic deformation and the
increase in G..

Direct evidence for the existence of a craze ahead of the
crack tip can be obtained by optical interference micros-
copy. When a beam of monochromatic light is sent in a
direction normal to the plane of the crack, it will reflect
off both crack faces due to the index of refraction difference
at the craze-bulk or at the crack-bulk interfaces. These
two reflected beams will form interference fringes from
which the thickness of the opening can be calculated
provided the order of the fringe and the respective indices
of refraction are known.!® As shown schematically in
Figure 13, the shape of the crack opening and the shape
of the craze opening are different so that the spacing of
the interference fringes always becomes smaller toward
the crack tip, making it possible to determine unambig-
uously the presence of a craze ahead of the propagating
crack. Interference fringes from a craze propagating at
an interface reinforced with 0.07 chains/nm? of 800-870
block copolymer are shown in Figure 14a. The measured
fracture toughness of that interface was approximately 70
J/m?2. When smaller amounts of block copolymer are
added however, it is no longer possible to observe a craze
at the crack tip as the resolution of the optical technique
is limited to crazes with thicknesses larger than the
wavelength of the incident light, i.e., 550 nm. The type
of interference fringes obtained from a weak interface are
shown in Figure 14b, and they are indistinguishable from
the fringe pattern one would observe from a crack.

As a check of the validity of our measurement, it is
worthwhile to compare the value of G that can be extracted
from this direct measurement of the width of the craze
with the G, value obtained from the double cantilever
beam test. The width of the craze h is given by

_ N

= 2Mn (8)
where A is the wavelength of the incident light, u is the
index of refraction of the craze, and n is the order of the

fringe. G, is given by
G,=h(1-1/Ngy 9)

where A is the craze fibril extension ratio. Withn =6
from Figure 14a, A\ = 550 nm, u ~ 1.15,1% A = 4, and oy
= 55 MPa, one obtains G, ~ 60 J/m?2, in reasonable
agreement with the value of 70 J/m? measured with the
double cantilever beam test.
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Figure 14. Interference fringes observed from reflected light

microscopy: (a) interface reinforced with 0.07 chains/nm?; (b)
interface reinforced with 0.015 chains/nm?.

5. Discussion

From the results presented in section 4, a simple model
of the fracture mechanisms as a function of the two
important variables, Npyp and Z, can be proposed. While
the actual situation is somewhat more complicated than
this simple model would allow, as we shall demonstrate,
the model provides a very useful framework on which to
understand the basic experimental observations.

For Npvp < Nepvp, the interface is very weak and the
chains are pulled out from the PVP side so that the only
energy-consuming mechanism is the friction energy from
the viscous pull-out of the PVP block. When Npyp
becomes larger than Ngpvp, fracture occurs by chain
scission rather than chain disentanglement. At low Z,
fracture occurs without any significant amount of plastic
deformation and the chains break close to their midpoint,
while at high Z, it occurs by formation of a craze, the
fibrils of which subsequently fail by chain scission in the
region of the brush between the PS and the dPS block.

Although this pictureis correct to a first approximation,
it is interesting to examine it in more detail to point out
its shortcomings. Furthermore, a more quantitative
analysis of the experimental data can be done in view of
some recently proposed models.

Following the idea that for chains with “short” PVP
blocks failure occurs by PVP chain pull-out, Xu et al.!
developed a model which assumes a brush of block
copolymer chains at the interface as shown in Figure 15
and considers one-sided chain pull-out (i.e., only the PVP
block pulls out from the PVP side; the PS block stays
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Figure 15. Schematic diagram showing the molecular picture
described by Xu et al. in their chain pull-out model. The PS
chain stays anchored to the bulk polymer while the shorter PVP
chain is being pulled out by a viscous force.

anchored) as the only energy-consuming mechanism. This
model provides some valuable physical insight. In par-
ticular, for the case of slow crack velocity (@ — 0), G, is
given by

G, ="/50,l (10)

where [ is the chain contour length (proportional to Npyp)
and oy is a yield stress given by

gy = Z{byl (11

where { is a friction coefficient and & is a proportionality
constant which has units of velocity. Because the friction
terms are not known a priori and are difficult to estimate,
quantitative predictions cannot easily be made from this
expression. It gives however a scaling prediction for the
dependence on the areal density of chains and on the chain
contour length which can be tested experimentally:

G, = 2 « ZNpyp 12)

We measured G for several block copolymers with Npyp
< N.pvp, and a linear dependence of G, vs Z was observed
in all cases as shown in Figure 6. For two of the block
copolymers, 1300-173 and 680-100, we observed a satu-
ration plateau around Zg = 0.1 chains/nm?. In the case
of 1300-173 this value of =, corresponds closely to the
equilibrium amount of block copolymer segregated at the
interface at u = pcm. as measured by FRES in a separate
study.!” Although there is no reason to believe that both
saturations should occur for exactly the same areal density
of chains, it is reassuring to see that the maximum
reinforcement effect occurs for a thickness of block
copolymer corresponding roughly to a saturated brush at
theinterface. Although atthispoint we donot have enough
evidence to substantiate this claim, Z,; should be mostly
controlled by the degree of polymerization of the longer
block from simple space-filling arguments.

The dependence of G on the contour length of the chain
being pulled out can be verified by plotting G./Z vs Npyp
in a log-log plot. As shown in Figure 16, although G./Z
obviously increases with Npyp, the agreement with the
model is not very good. The main reason for this dis-
crepancy lies probably in the poorly known conformation
of the chains at the interface, which is influenced by the
molecular weight of the longer PS block. For the two
copolymers with a nearly equivalent PS block, i.e., 625-49
and 680-100, G/ Z scales reasonably well with /2,

An important limitation of this pull-out model lies in
the possibility of the existence of a craze ahead of the
crack tip. Within the framework of Xu’s model, the
maximum stress that can be sustained by the interface is
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Figure 17. Schematic diagram of the stress at the interface as
a function of the areal density of copolymer chains in the case
where (a) chain pull-out is the dominant failure mechanism and
(b) chain fracture is the dominant failure mechanism.

proportional to the areal density of chains at the interface
as shown in Figure 17a. When the applied stress reaches
the level of the crazing stress, there should be a transition
in fracture mechanism from simple chain pull-out to
crazing followed by chain pull-out. This transition allows
us to make an upper bound prediction for G. from eq 10
as gy cannot be larger than o4, the craze-widening stress
of the homopolymer.

In our specific case the homopolymer with the lower
crazing stress is the PS so that it is reasonable to assume
that the stress at the interface is bounded by the crazing
stress of PS. With ¢4 = 55 MPa as given by Table II and
| = 46 nm characteristic of a chain with N = 200 ~ N,,
G PPer can he estimated at 1.3 J/m?2. This value is still too
low to account for our experimental results and suggests
that other energy-consuming deformation mechanisms are
active during fracture.
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Recent transmission electron microscopy observations
of microtomed thin films containing a single PS-PVP
interface reinforced with 1300-173 block copolymer? have
shown evidence of the presence of a very narrow craze at
the crack tip, the thickness of which was consistent with
the measured fracture toughness. Therefore it is possible
that for larger Z’s the interface actually fails by first
forming a narrow craze, the fibrils of which eventually fail
by a disentanglement process in which the short PVP block
pulls out.

Finally, it should be pointed out that the incorporation
of a craze in the modeling of the fracture process as
described in section 1.4, although increasing considerably
the absolute values of the predicted G., does not change
the scaling prediction given by Xu’s model.

When Npyp > N,pyp, one expects the block copolymer
chains to be effectively entangled with the PVP homopoly-
mer so that the slope of the curve in Figure 17a becomes
larger than the slope of the fracture curve given by

Omax = szeﬂ (13)

with f, being the force necessary to break a single polymer
chain. As illustrated in Figure 17b, when the maximum
stress that can be supported by the interface becomes larger
than the crazing stress o4, the failure mechanism should
undergo a transition from simple chain fracture involving
very little plastic deformation to crazing. In principle, an
estimate of the force to break asingle polymer chain f;, can
be extracted from eq 13 if the value of X at the transition
is known.

A second transition deserves some attention and it is
the change in the locus of fracture from the block copolymer
midpoint to the brush between the PS and the dPS block.
This experimental observation suggests that at high X the
fracture takes place in the PS phase rather than exactly
at the interface so that the craze formed might be mostly
if not entirely in the PS phase. This hypothesis is based
also on our measurements of the crazing stress showing
that PS has a 30% lower crazing stress than PVP so that
when the interfacial stress becomes higher than a4 of the
PS, a craze is nucleated at the interface and widens in the
PS phase only. The craze will ultimately fail by fibril
breakdown in the interfacial region, which remains the
weakest point. This description has been confirmed by
TEM observations of the crazing behavior of thin films
containing a single interface between PS and PVP2
showing that the craze widens exclusively in the PS phase
and breaks at the craze-bulk interface, which coincides
with the PS-PVP interface.

This second transition can be understood qualitatively
by considering the concentration of non-load-bearing
strands. For low Z, the weakest part of the interfacial
region is the interface itself, which contains an excess of
chain ends from the homopolymers. When Z increases,
the block copolymer chains become more and more
stretched so that a higher concentration of non-load-
bearing strands is found in the region of the interface
between the PS and the dPS block and fracture, pre-
sumably by chain scission, occurs then in the brush region.

As a first approximation it is tempting to postulate that
both transitions should occur at the same point. Taking
Ztrans = 0.03 chains/nm? for the 800-870 copolymer as
obtained from the surface analysis data in Figure 11 and
55 MPa for the PS crazing stress, one obtains from eq 13
fo = 1.8 X 10° N, which is in good agreement with
previously reported results.22!

Unfortunately, there is some evidence that such an
approach may not be accurate. The crazing transition
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Figure 18. Schematic diagram showing a craze at the tip of a
propagating crack. The craze is represented with cross-tie fibrils
as described by Brown’s model.

should be only dependent on the chain scission force, while
experimentally the brush transition occurs at different
values of Z for the 510-540 and 800-870 copolymers,
namely, 0.01 and 0.03 chains/nm2. More disturbing is the
fact that crazes have been observed by TEM in single
interfaces between PS and PVP2 at values of £ much
below the brush transition. These experimental obser-
vations stress the difficulty of ascertaining unequivocally
the existence of a craze at the crack tip, precluding us
from giving an accurate value for f, through this approach.

At values of T above this transition it is reasonable to
assume that the propagating crack is preceded by a craze
as described schematically in Figure 18. As a further
indication of a change in fracture mechanism, the fune-
tional dependence of G is much less clear-cut than for the
sub-M, case: whileatlow values of =, G.appears toincrease
as X2, at higher values it clearly has a linear dependence.

These results can be analyzed in light of a model for
craze breakdown proposed recently by Brown? and further
extended by Hui et al.?2 which takes into account the
existence of cross-tie fibrils in the fibril network of the
craze. These cross-tie fibrils allow stress to be transferred
from one main fibril to its neighbor so that the portion of
the craze behind the crack tip is not completely unloaded
after fracture and transfers an additional amount of stress
to the last unbroken fibril, causing it to fail.

From this model, the critical energy release rate should
scale as the square of the effective density of load-bearing
strands present at the interface Z according to the following
expression (taken from Hui??):

22, 2(2xD)  Spp \1/2
G=(ﬁ)f"T:—(§“3 1-1/N 14
. 12

where A, is a constant, D is the fibril diameter, X is the
craze fibril extension ratio, and S;; and Ss; are the shear
modulus and the tensile modulus of the fibrillar material,
respectively.

When analyzing his data on interfaces between PMMA
and PPO reinforced with PS-PMMA block copolymers,
Brown implicitly assumed that this effective density of
strands at the interface was equal to the areal density of
block copolymers and found good agreement between his
data and the proposed model.2 In our system however
such an approach would not give a very good agreement
with the experimental data as evidenced by Figure 19.

This discrepancy can be understood in terms of the chain
distribution at the interface by introducing the notion of
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(®) data points; (—) best square fit.

effective entanglement. The assumption made hereisthat
a given block of a block copolymer chain will have a
reinforcing effect only if it has at least one effective
entanglement with the homopolymer, where effective
entanglement refers to an entanglement at least one N,
removed from the chain end of the respective polymers.
Qualitatively, when the areal density of chains is increased,
the block copolymer is more likely to be entangled with
itself than with a homopolymer chain, therefore reducing
the number of chains with at least one effective entan-
glement,

A more quantitative analysis of the distribution of
effective entanglements can be done using the self-
consistent mean-field theory developed by Shull and
Kramer? for the study of block copolymer segregation at
the interface. This method allows the calculation of the
segment distribution function of the two homopolymers
and of the block copolymer in the region near the interface
by solving numerically a modified diffusion equation.
Information on the number of effective entanglements
between block copolymer chains and homopolymer chains
can be extracted from the segment distribution function
of the different components by making appropriate
assumptions.

The detailed procedure given in Appendix A assumes
that the probability of an effective entanglement between
block A and homopolymer A is proportional to the
probability of a contact between a segment of block A
located at least one N, away from the chain end and a
segment of homopolymer A located at least one N, away
from the homopolymer chain end.

The average number of effective entanglements per
chain N is given as

N = p 4.

New 2N, (1-2N/N,)" a5
where p is the density of segments, Ny, and N,, are the
degrees of polymerization of homopolymer A and the
average degree of polymerization between entanglements
for polymer A, respectively, and £* is a quantity obtained
from the self-consistent mean-field simulation.

As a first approximation one can argue that when N
< 1 there should be no further improvement in mechan-
ical strength. However, a more relevant quantity is the
areal density of chains with at least one effective entan-
glement Z.¢4. To obtain that quantity we need information
on the distribution of entanglements in addition to their
average number per chain.
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Figure 20. Areal density of chains with at least one effective
entanglement (Z.x) as a function of the nominal areal density of
chains (Z): (—) 800-870; (- - -) 510-540.

This distribution can be found by using the same method
and simply substituting the integration limits in eq A6
with the appropriate values to calculate the average
number of effective entanglements of each portion of block
copolymer of length N.. Assuming that eachentanglement
isan independent event, i.e., that the probability of a chain
to have an entanglement in its second portion does not
depend on the occurrence of an entanglement in the first
portion but only on the number of copolymer—homopoly-
mer contacts, one can obtain a distribution of the number
of entanglements per chain and therefore .

It should be pointed out also that a certain number of
effective strands will be lost during the fibrillation process
so that the actual areal density of effective strands
reinforcing the interface will be even smaller than Z.
Although in our case the actual entanglement loss will be
dependent on the areal density of copolymer chains at the
interface, a quantitative estimate of this necessary en-
tanglement loss as previously derived for random coils?
can be used for the purpose of quantitative comparison
with experimental data. For PS, X/ will then be given
by

2oty = qOg = 0.6 (16)

where ¢ is the surviving fraction of load-bearing strands
after fibrillation. This additional factor will only be
important when quantitative predictions are made and,
in particular, to obtain the force to break a single strand
fv from eq 14. For the sake of comparing our results with
Brown’s? we deliberately ignored this additional multi-
plication constant in the plots of G vs 2 given in Figures
21 and 22.

To illustrate the main result of our calculation, a plot
of Z¢¢r v8 T is shown in Figure 20 for the 800-870 polymer
and the 510-540 polymer. From the surface analysis
results it is clear that at high Z, the craze ultimately fails
in the region of the brush between the dPS block and the
PShomopolymer. Zrefers therefore tothe areal density
of dPS blocks with at least one effective entanglement.
For the mean-field simulation we used xps-pvp = 0.11,
Neps = 173, and the degree of polymerization of the ho-
mopolymers Nyps = Nppyp = 2150, While Z¢ increases
linearly with 2 at low copolymer densities, it rapidly
deviates from linearity, reaches a maximum, and finally
slightly decreases. Itshould be pointed out that for blends
the maximum copolymer excess that can be present at the
interface is controlled by the chemical potential of the
free copolymer chains in the bulk u.; hence, when u. =
Kemes DO further segregation can occur. For these two
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Figure 21, Fracture toughness G. for the 800-870 copolymer as
a function of (a) the nominal areal density Z of copolymer chains
and (b) the areal density Z.; of copolymer chains with at least
one effective entanglement.

polymers an estimate of ueme can be obtained from the
expression given inref 16, and the corresponding maximum
amount of chains present at the interface is 0.091 and
0.102 chains/nm? for the 800-870 and 510-540 copolymers,
respectively. However, in our experiments, the amount
of copolymer present at the interface can be higher as the
very slow kinetics prevent the excess copolymer from being
drained away effectively from the interface.

For the 800-870 block copolymer, the logarithm of the
fracture toughness of the interface G, is plotted vs log (2)
in Figure 21a and vs log (Z.x) in Figure 21b. It is very
clear from the plots that the data fit a power law much
better when they are plotted vs Z. The slope of the
linear fit gives G, = (Z¢#)292 consistent with Brown’s model
of craze breakdown.

According to eq 14 the fracture toughness should only
depend on the crazing stress g4, the craze fibril extension
ratio A, and the areal density of strands Z so that data for
different block copolymers should fall on the same master
curve if they are plotted as (Gcog)/(1 — 1/A) vs 2. In
principle, the chain breakage force f;, should be indepen-
dent of the chemical features of the polymer provided the
backbone is composed of carbon—carbon bonds only, while
the fibril diameter D is similar for PS and PMMA.

Our data on the 800-870 and 510-540 copolymers are
compared in Figure 22 with Brown’s data on PMMA-
PPO interfaces reinforced with PS-PMMA block copol-
ymers of various molecular weights, where Brown’s data
have been multiplied by [oq(PMMA)/03(PS)] and cor-
rected for the different values of Apg and Apmma. The
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Figure 22, Fracture toughness of interfaces reinforced with block
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from Brown;? (—) best square fit.
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function of nominal areal density for an 800-870 copolymer with
(—) Neps = 173 and (- - -) N.ps = 90.

value of the crazing stress for PMMA is taken as 100 MPa
as measured by the three-point bending test. It is
reassuring to see that the two sets of data fall nearly on
the same line and follow fairly well a constitutive law of
thetype G. « 22, providing a confirmation of the validity
ofthemodel. Another check can be obtained by calculating
the force to break a single chain from eq 14. By using D
=10 nm, 64(PS) = 55 MPa, Aps = 4, A, = 0.794, and Sso/
S1z = 55-130 from ref 22 and taking into account the
necessary loss of entanglements due to the fibrillation
process, one obtains f, ~ (3.5 £ 0.5) X 10° N, whichisa
reasonable result consistent with previously reported
values.2%!

It should be noted that Brown’s data are plotted vs =
rather than Z. and follow nevertheless a square law. A
possible explanation could lie in the difference in N,
between PS and PMMA. As PMMA has a lower crazing
stress than PPO, it is likely that the interface fails by
forming a craze in the PMMA phase. A lower N, will
allow more entanglements per chain, therefore shifting
the maximum predicted in the 2. vs = plot in Figure 20
toward higher values of 2. Tosubstantiate this hypothesis
we repeated the calculation of Ze¢ for the 800-870 block
copolymer, assuming this time that N, was only 90 rather
than 173. The results of this calculation are shown in
Figure 23 and indeed confirm the validity of our inter-
pretation.
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Figure 24. Schematic diagram of the four deformation regimes
occurring in the fracture of interfaces between PS and PVP
reinforced with PS-PVP block copolymers.
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Concerning the fracture mechanism, the analysis of the
fracture surfaces with secondary ion mass spectrometry
(SIMS) showed that the block copolymer chains fractured
very close to their midpoint.2> The sample analyzed by
Brown had an areal density of chains of Z = 0.05 so that
his result is reasonably consistent with our observations
on the locus of fracture at low Z.

6. Conclusions

The addition of PS-PVP block copolymers to interfaces
between immiscible homopolymers PS and PVP always
causes a reinforcement of the interface characterized by
an increase in G.. The effectiveness of the reinforcement
and the nature of the failure mechanisms at the interface
are however strongly dependent on the respective mo-
lecular weights of the blocks and on the areal density of
chains at the interface. Four main regimes can be dis-
tinguished as summarized in Figure 24.

In the first regime (I) where Npyp < Ngpvp, the chains
are pulled out without any significant amount of plastic
deformation; this is the case of the weakest interfaces. If
Zisincreased above a certain critical level which probably
depends on the length of the short block, the interface
may actually fail by first forming a craze at the crack tip.
This craze however is very unstable and will not grow in
width more than 250 nm before failing by chain disen-
tanglement of the shorter block.

When Npyp > Npyp three regimes are possible. In
regime II at very low Z, the interface fails without any
significant amount of plastic deformation at the crack tip
at a level of stress below the crazing stress ¢4. The block
copolymer chains break very close to their midpoint, and
the resulting values of G, are low.

In regime III at slightly higher values of Z, the stress
at the interface is now high enough to form a craze. The
interface now fails by the breakdown of the craze, the
fibrils of which break by scission of the block copolymer
chains close to the area of the joint between the two blocks.

When Z is further increased, the region of the brush
between the dPS block and the PS homopolymer becomes
the weakest part of the interface and the fibrils of the
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propagating craze fail by chain scission in the brush region.
In this regime, the craze preceding the crack can grow to
a width up to several microns, causing measured values
of G. which come close to the fracture toughness of the
homopolymers. It is clear from our results that those
copolymers with the highest degrees of polymerization
were the most effective mechanically. However, one
expects that G./Z vs N will level off at a certain value of
N while the maximum areal density of chains with at least
one effective entanglement =g will go through a maximum
and then decrease for very large values of N, mirroring the
decrease in the maximum attainable areal density of
chains. More comprehensive calculations based on the
self-consistent mean-field theory as well as new experi-
mental results from copolymers with higher degrees of
polymerization should result in a prediction of the most
effective molecular weight for mechanical reinforcement.

One should bear in mind however that kinetic factors
which dramatically increase equilibration times will be
the limiting factor in the use of the most effective block
copolymer so that a compromise between good mechan-
ical performance and reasonable equilibration times is
more likely to be necessary.
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7. Appendix: Determination of the Effective
Entanglement Density

In a ternary mixture of A, B, and C segments each
occupying asiteinalattice, the fraction of the total contacts
that are contacts between A and B segments is given by

Yap = 20,05/2 (A1)

where ¢4 and ¢p are the volume fractions of the A and B
segments, respectively, and z is the coordination number
of the lattice.

This result can be applied to our specific problem where
the relevant volume fractions are now ¢.* and ¢n.*, i.e.,
the volume fractions of “effective” segments for the A block
of the copolymer (ca) and the homopolymer A (ha),
respectively, an “effective” segment being defined as a
segment at least N, units away from a chain end.

The number of ha—ca contacts per unit area of interface
is then given by

Eha—ca = gze.f_:mﬁb]m* (x) ¢ca*(x) dx (A2)

where p is the density of segments and x is the position
relative to the interface. In the limit of ¢, — 0, i.e., a
vanishingly small volume fraction of copolymer, the areal
density of effective entanglements v, will be proportional
to the areal density of copolymer chains or more exactly

v(0) = (N /N, - 1)Z (A3)

with N, and N, being the degree of polymerization of
block A and the average degree of polymerization between
entanglements for polymer A, respectively. Using theself-
consistent mean-field theory, the segment distribution of



3088 Creton et al.

copolymer chains near the interface and subsequently the
areal density of copolymer chains X can be evaluated:

o
e

ca

It should be noted that although, strictly speaking, eq
A4 is only valid if there is no amount of block copolymer
dissolved in the bulk, in practice, the numerical integration
is only carried out over a distance of ~1000 A near the
interface so that this expression is still valid as long as
¢.(bulk) is negligible. This condition is generally met for
very incompatible systems and long copolymer chains.

The total number of effective entanglements per unit
area is assumed to be proportional to the probability of
a contact between an “effective” homopolymer segment
and an “effective” copolymer segment. This probability
is proportional to £*, given by

P = [0 () 6,4 (@) dx (A5)

with ¢c.* and ¢n.* as follows:

¢ca* = Acaﬁ)(N“_N“)/N“qca(x’t) qab(x’l—t) dt (A6)

(Nha=Nea)/ Noa

Pna* = A Nl Gna(%,t) g%, 1-8) At (A7)

where gha, Gba, and gap are distribution functions and A,
and Ap, are proportionality constants as defined in ref 23.
In the limit of ¢ — 0, eq A5 becomes

£(0) = (1 - 2N,/Ny )1 - N /N, [, dx (A8)

where the first term of eq A8 is the value of ¢pn.* when ¢,
— 0, while the second term is the normalization factor
introduced by only considering segments that are N, away
from the copolymer chain end.

The areal density of effective entanglements can be
written as

Veff = S*K (Ag)

which reduces to eq A3 in the low copolymer density limit
so that the proportionality constant K can be extracted
as

K= £ (A10)
Jvea(1 - 2Nea/Nha)
from which the areal density of entanglements at the
interface can be obtained by substituting eq A10 into eq
A9

= £ * 11
vett Nea(l—zNea/Nha)E (A1)

vest is the total number of effective entanglements per
unit area. To obtain the areal density of chains with at
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least one effective entanglement (Z.f), some information
on the distribution of entanglements in addition to their
average number per chain is necessary.

This information can be obtained by using the method
explained above and simply substituting the integration
limits in eq A6 with the appropriate values to calculate
the average number of effective entanglements of each
portion of block copolymer of length N,. Assuming that
each entanglement is an independent event, i.e., that the
probability of a chain to have an entanglement in its second
portion does not depend on the occurrence of an entan-
glement in the first portion but only on the number of
copolymer-homopolymer contacts, one can obtain the
areal density of chains X, with exactly n entanglements
with the homopolymer. It is easy to see that T is then

Mmax
Tg= ) 2, =1-3, (A12)
n=1

where nma; is the maximum number of effective entan-
glements per copolymer chain given by the integer part
of Nco/Ney and 3 is the areal density of chains with no
entanglements,
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